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Abstract

The suitability of TiC as a sintering aid for boron
carbide is investigated. The in situ reaction of TiC
with boron carbide generates elemental carbon and
TiB, which both aid the sintering process and permit
pressureless sintering at temperatures between 2150
and 2200°C. Relative densities of as-sintered mate-
rials exceed 93% of theoretical, but can be increased
to nearly full density by subsequent hot isostatic
pressing. The grain size of both B,C and TiB,
increases with sintering temperature and decreases
with the amount of sintering aid. The presence of
TiB; causes a slight increase in Young’s modulus and
a small decrease of hardness as compared to single
phase B,C materials. The flexural strength of B,C-
TiC is found to decline with increasing fracture
toughness. This behavior is related to crack length
dependent toughness, particularly to the slope and
steady state value of the R-curve. The dependence of
R-curve properties on the grain size of the B,C
matrix is discussed. © 1998 Elsevier Science Lim-
ited. All rights reserved

1 Introduction

The pressureless densification of nonoxide ceramics
such as SiC, SizN, or B4C is difficult to achieve in
pure materials. This behavior originates from the
highly covalent bonding and the associated slow
diffusion in such compounds. Suitable sintering
aids have therefore been sought and various ele-
ments and compounds including AlF3, Be,C, TiB,,
W,Bs, SiC, Al, Mg, Ni, Fe, Cu, Si and elemental
carbon were proposed to aid the pressureless
consolidation of boron carbide.!"!* Being most
effective, carbon superseded all competitors and is
now the standard additive for the densification of
B4C on an industrial scale. The knowledge of den-
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sifying B4C, accumulated in the seventies and
eighties, discloses that a few per cent of elemental
carbon added to submicrometer powder enhances
sintering most effectively such that bodies with
relative densities >95% of the theoretical limit can
be achieved.>™®

It is generally agreed that oxygen contaminants
limit the densification of boron carbide, specifically
boric oxide which forms a thin layer on the surface
of B4C powder particles.>’ In combination with
boron carbide, both B,0O; and excess oxygen in the
sintering atmosphere, can generate suboxides, as
illustrated by the gross reactions®

B4C + 5B,0;5; «— 7B,0, + CO (la)

2B4C + 50, < 8BO + 2CO (1b)

Being volatile, boron suboxides are effective in
transporting boron and carbon through the vapor
phase according to reaction eqn (1). Unfortunately,
vapour phase transport merely redistributes matter
to the necks between sintering powder particles
rather than promoting a grain center approach
which is mandatory for shrinkage. Specifically,
vapor transport in B4C was shown to coarsen the
microstructure and by doing so, to reduce the
driving force for sintering and to increase the
average diffusion distance.®’

A primary aspect to be considered when sinter-
ing powder compacts to full density is a low grain
boundary to surface energy ratio, as manifested by
high dihedral angles.!* Complying with this condi-
tion is essential in energetically unfavorable con-
figurations, e.g. for highly co-ordinated pores.!417
Dole, who analysed partially sintered boron car-
bide powder networks, showed that oxygen-free
grain clusters exhibit a dihedral angle of the order
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120°.% Thus densification of boron carbide is
spontaneous, provided the detrimental role of
boric oxide can be suppressed. A most suitable
process for eliminating boric oxide is the
reaction

2B,0;5 + 7C — B4C + 6CO (2)

Neglecting the pressure dependence of reaction eqn
(2), the standard Gibbs Free Energy, AG®, suggests
that desoxidation according to eqn (2) can roughly
set in above 1300°C (Fig. 1), i.e. significantly below
the onset of sintering.

Phenol-formaldehyde resins have until recently
been the standard substance to introduce carbon
into B4C powders.> Being pyrolized at tempera-
tures above 600°C, the resins leave a thin layer of
amorphous carbon on the powder-surface which
subsequently removes B,0; according to eqn (2).
Though sintering proceeds very satisfactory, the
resin-route suffers from serious drawbacks with
respect to requirements of industrial processing.
The handicaps include:

e polymerisation reactions in the resin which
produce hard agglomerates;

e insufficient flow behavior of granules into
pressing dies; and

e environmental problems caused by pyrolysis
products.

These difficulties have driven the search for
favorable substitutes. Only recently, the direct
blending of B4C with amorphous carbon was
investigated and found to produce well sinterable
powders.!® Nevertheless, homogeneous distribu-
tion of ultra-fine carbon in a B4C slurry is a deli-
cate process, and when done improperly, can lead
to insufficient densities after sintering.
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Fig. 1. The standard Gibbs free energy, AGY, of reaction (2) 2
B,O3;+7C—B4C+6 CO. The thermodynamic data were
obtained from Ref. 18.
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Fig. 2. Isothermal section of Ti-B-C phase diagram at 2000°C
according to Rudy.?°

An as yet unexplored way of introducing ecle-
mental carbon into B,C powders is opened by the
incompatibility of transition metal carbides and
boron carbide. The reactivity between B4C and
carbides of the MC-type, where M denotes a tran-
sition metal of groups IV-VI, is readily ascertained
from the Ti-B—C phase diagram (Fig. 2%°). Mix-
tures of B4,C and MC react according to the sto-
chiometry

B4C + 2MC — 3C + 2MB, 3)

to form elemental carbon and a metal diboride.
The standard Gibbs Free Energy of reaction
eqn (3) is insensitive to the MC compound
involved and assumes AG° =~ —200 kJ/mol
B4C,'® fairly independent of temperature. TiC as a
sintering aid for B4,C was investigated in an earlier
paper by Telle and Petzow.!? The role of TiC was,
however, restrained to the formation of TiB,,
because the free carbon on the right hand side
of eqn (3) was deliberately bonded as B,C by
adding an appropriate amount of -elemental
boron.

The most striking advantage associated with the
processing of MC sintering aids is their chemical
similarity to boron carbide. Thus, unlike resins or
amorphous carbon, metal carbides exhibit
significantly less problems with long-term stabi-
lity, dispersability of the sintering agent, or flow-
behavior of spray-dried granules into die cavities.
A particularly attractive carbide is TiC, because, in
addition to the advantages described above, it is
available at low cost. Furthermore, the in situ syn-
thesized TiB, is anticipated to support sintering
similar to the beneficial effects that have been
observed in SiC-TiB, or B4C-TiB, compo-
sites.!0:12.13.21 Based on these considerations, the
present research was initiated (i) to examine the
potential of TiC as a sintering aid for B4,C and (ii)
to assess the mechanical properties of B4C-TiC
materials.
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Table 1. Composition of raw materials
Mat. BET m?lg FSSS um Free Cwt% O wt% N wt%

B,C 150 — 0-64 0-98 0-32
TiC — 1.5 0-07 0-53 0-10

2 Experimental Procedures

Submicron boron carbide powder* (Table 1) was
doped with various amounts of fine TiC' (Table 1)
to yield samples with nominal contents of 1.5, 3,
4.5 and 6wt% elemental carbon according to
reaction eqn (1)} (Table 2). The amount of TiC
required for blending was determined from the
stochiometry of reaction eqn (3), taking into
account that (i) 0-64wt% elemental carbon is
already present in the boron carbide starting pow-
der (Table 1), and (ii) boron carbide solid solutions
assume the composition B{3C; in the presence of
elemental carbon.?? The B,C-TiC blends were
subsequently homogenized with water in a plane-
tary ball mill for 1h using boron carbide media
and containers. After milling, the slurry was
screened and freeze-dried. Bodies (60x20x20 mm?)
were then formed by cold-isostatic pressing at
200 MPa. The specimens were eventually placed
into a graphite tube sintering furnace and subjected
to a two stage firing process. The B,C-TiC reac-
tion eqn (3) took place in a 60 min holding step at
1250°C. Further heat-up to sintering temperature
was performed at 15°C/min. The specimens were
finally held in a 10 mbar Ar-atmosphere for 2h at
various temperatures (2125, 2150, 2175 and
2200°C). The density of all specimens was
determined by the water immersion method.
Samples with closed porosity were further densified
in a post-HIP cycle at 2050°C (30 min, 200 MPa
Ar).

Table 2. Starting compositions, calculated composition
assuming complete reaction and crystalline phases in sintered

bodies
Alloy  TiC< B,C“ Elemental C® TiB,? Crystalline
no. wt% wt% wt% vol% phases
BTC1-5 47 953 1-5 3.1 B4C, TiB,,
graphite (trace)
BTC30 89 911 3.0 6-1 B4C, TiB,,
graphite
BTC4.5 127 873 4.5 8.3 B4C, TiB,,
graphite
BTC6-0 165 835 6-0 109 B4C, TiB,,
graphite

#Starting composition.
®Nominal composition according to reaction (3).

*B,C Tetrabor, ESK GmbH, Munich, Germany.

ITiC Grade B, H. C. Starck GmbH, Goslar, Germany.
fThese materials are denoted BTC followed by a number
indicating the nominal carbon content in wt%.

From the flexure bars, samples were cut and
polished by standard ceramographic methods to a
1 um diamond paste finish. Some samples were
electrolytically etched in 50% H,SO, at 10V.
Polished and etched material was studied by
optical and scanning electron microscopy. Each
batch was subjected to microstructural character-
ization. The linear intercept technique was
employed to measure the grain size with a semi-
quantitative image analyser (Kontron Videoplan)
being used to record and analyse the data. A total
of at least 250 intercepts was counted per material.
The hardness of as-sintered material was
determined with a Leitz micro-hardness tester on
as-polished surfaces with a Knoop diamond
indenter using a load of 0-981 N (HK 0-1). Stan-
dard flexure bars (45x4-5x3-5mm?) were cut from
the post-HIPed bodies, ground and finally lapped.
Young’s modulus was calculated from vibration
resonance spectra. A commercial unit (Forster
Elastomat 1024) was used for recording the
resonance data.

Precracking of selected flexure specimens was
performed with a modified bridge method,?* which
introduces naturally sharp flaws into the SENB
bars. After precracking, the crack front was
marked by tinting with a fluorescent fluid, followed
by a load rate controlled 4-pt bending test (load-
ing rate 20Ns~!, outer span S, =40 mm, inner
span S; =20 mm) where the fracture load, P,
was recorded. The length of the precrack, ¢, was
subsequently obtained as an average of five
measurements over the crack front and fracture
toughness, K¢, was eventually computed from

3 _(S:—-81)

Ke =3P 220 ey () (4)

where W and B denote the specimen width and
height respectively and Y is a nondimensional
stress intensity factor, valid in the interval
0 <c¢/W<1.2* Since the fracture resistance of
many ceramic materials grows during crack
expansion (R-curve behavior), it is important to
know which K-value on the R-curve actually
obtains. A vast set of literature data suggests that
toughness of engineering ceramics with growing
cracking resistance saturates at cracking incre-
ments <2mm.? Due to the large initial size of our
precracks, i.e. 2.5<c¢<3mm, it is believed that the
toughness data in Table 3 reflect the steady-state
toughness (plateau toughness) rather than the ris-
ing part of the R-curve. The flexural strength of
selected composites was determined in four-point
bending using the toughness testing fixture at a
loading rate of 20 Ns—! according to
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Table 3. Mean strength and steady state toughness of sintered
and post-HIPed BTC composites as a function of sintering
temperature

Flexural strength Steady state
MPa toughness M Pa/m

2150°C 2175°C 2200°C 2150°C 2175°C 2200°C

BTC 1.5 292 286 266 4.2 4.0 3.7
BTC 3.0 368 n.d. n.d. 3-6 n.d. n.d.
BTC 4.5 454 n.d. n.d. 32 n.d. n.d.
BTC 6:0 502 n.d. n.d. 29 n.d. n.d.

Alloy no.

n.d. = Not determined.

3 _(5-81)
=3 g ©)

Five specimens were fractured per material and the
average strength was computed. Though the num-
ber of specimens is insufficient for performing a
valid Weibull analysis, it is felt that the mean
values supply sufficient information to discuss
trends in strength properties.

3 Results and Discussion

3.1 Microstructure
Figure 3(a)«(d) shows representative micro-
structures of BTC materials sintered at 2150°C. It
is noteworthy, that BTC 1.5 composites consist of
a small fraction of pores, two major solid phases,
i.e. TiB, grains in a B4C matrix, and traces of a
dark phase, which using polarised light and X-ray
diffraction, is readily identified as graphite. Sig-
nificantly more graphite becomes visible in the high
carbon materials, i.e. in BTC 3.0, BTC 4.5 and
BTC 6-0 (Table 2). Figure 3(c) and (d) shows that
TiB, particles and graphite are in direct contact,
indicating the simultaneous formation of both
compounds consistent with reaction eqn (3). The
precipitation of graphite is attributed to excess
carbon that has not been used up for the deso-
xidation of B4C particles according to reaction eqn
(2). As expected, the amount of graphite and TiB,
increases with the initial TiC content (c.f. Fig. 3).
The mean grain size of B4C in all compositions is
plotted in Fig. 4. As expected, there is a pro-
nounced tendency for grain growth in B4C with
increasing sintering temperature.* However, the
coarsening trend decreases with increasing amount
of sintering aid as documented in Fig. 4. This plot,
together with the observation that the number of
second phase particles at grain boundaries increa-
ses with initial TiC content (Fig. 3), provides

*Post-HIPing does not increase the grain size, due to the low
HIP temperature of 2050°C.

evidence that both TiB, and graphite precipitates
are effective in pinning moving grain interfaces.
Though not documented by quantitative image
analysis, TiB, particles coarsen with increasing
processing temperature as well. This coarsening
happens most likely by coalescence,?® a process
which is aided by a remarkable solubility of
3mol% TiB, in B4C at the sintering temperature.?
A typical feature associated with such diffusion
controlled grain growth is the interconnection of
TiB, grains across thin necks, viz. Fig. 3.

The size distribution of B4C crystals is bimodal,
i.e. it consists of a mixture of fine grains with a
mean intercept length of =2um, and a second
population of B4C crystals which have already
entered the regime of discontinuous growth.
Though this feature is observed in all micro-
structures (Fig. 3), there is a trend that the volume
fraction of discontinuous grains drops with
increasing amount of initial TiC. Discontinuous
B4C grains typically show intragranular features,
i.e. TiB, precipitates, graphite particles and pores
which have been entrapped during grain growth.
The number of these objects correlates inversely
with the amount of initial TiC, viz. Fig. 3(a)—(d).

For reference purposes the grain size of B,C
doped with amorphous carbon!? is also included in
Fig. 4. It is seen that higher sintering temperatures,
which are needed in BTC materials to reach
sufficient density, causes significantly more grain
growth than in B4C doped with amorphous carbon.
One may speculate from this observation that gra-
phite particles being introduced by ultra-fine amor-
phous carbon are smaller and hence more effective
in retarding grain growth than graphite and TiB,
generated from the reaction with TiC.

3.2 Sintering

The bulk densities of pressureless sintered compo-
sites are listed in Table 4. Relative densities were
calculated assuming an ideal reaction according to
eqn (3) and are plotted in Fig. 5 as a function of
the sintering temperature. All compositions, except
the 1-5wt% carbon material, exceed a relative
density of 95% at temperatures above 2150°C. In
high carbon materials, density increases further as
the sintering temperature is raised to 2200°C,
whereas the density of materials with 1.5 and
3wt% carbon declines at 2200°C. Composites

Table 4. Relative densities of BTC composites after sintering

Alloy no.  2100°C  2125°C  2150°C 2175°C  2200°C
(%) (%) (%) (%) (%)
BTC 1.5 89-8 90-2 94.5 96-3 94.9
BTC 3.0 897 915 96-0 973 96-6
BTC 4.5 91-0 92.9 97-1 98-0 98.1
BTC 60 931 94-4 975 98.2 98-4
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Fig. 3. Optical micrograph of B,C-TiC sintered at 2150°C with a nominal carbon content of (a) 1-5wt%, (b) 3 wt%, (c) 4-5wt%,
and (d) 6 wt%. The B,C matrix is light grey, the arrows point at precipitates (white: TiB,, graphite: dark grey) which have formed
according to reaction (3) and at pores (black). Note that graphite is virtually absent in BTC 1-5.

20—

15

10 -

Grain Size, um

SRR B

. carbon {19]
ol T 1
2050 2100 2150 2200 2250

Sintering Temperature, °C

Fig. 4. Grain size of B4C-TiC and of B4C doped with amor-
phous carbon!® as a function of the sintering temperature. The
labels indicate the nominal carbon content in wt%.

exceeding 95% of the theoretical density were post-
HIPed and found to approach full density,
virtually independent of the initial sintering
temperature.

It is evident from Fig. 5 that the amount of TiC
strongly affects densification behavior. Two effects
must be distinguished:

1. Removal of B,O;: Table 2 documents that
graphite is present in all materials except BTC

1-5. Taking into account that the sintered
bodies contain virtually no oxygen, a simple
stochiometric estimation can readily explain
the absence of carbon in low-TiC materials.
Reaction eqn (2) requires the mass fraction of
carbon to be ~1-75 times the initial oxygen
mass fraction in the B4C powder. Assuming
that all oxygen is present as B,Os;, the initial
oxygen content in the B4C powder of 0-9wt%
(Table 1) would require 1-6wt% elemental
carbon for a complete reduction of B,Os. The
micrographs in Fig. 3 fully support this con-
clusion. Graphite is virtually absent in BTC
1-5, but begins to appear in BTC 3-0, and its
fraction increases with rising TiC content.
One may presume that, taking the inhomoge-
neous distribution of TiC into account, a
minimum of ~2-3wt% carbon is required to
ensure that B,Oj; is removed completely under
conditions of routine processing. This conclu-
sion is consistent with results reported by
Refs 5 and 7, which also found that the den-
sity of B4C with an initial oxygen content of
~1wt% becomes independent of the carbon
addition above ~3wt% C.
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Fig. 5. Relative density of B4C-TiC as a function of the sin-

tering temperature. The density-temperature relation for B,C

doped with amorphous carbon'® has been included for com-
parison,

2. Retardation of grain growth by second phase
particles: The density data in Fig. 5 and the
grain growth behavior documented in Fig. 4
suggest that TiB, and excess carbon, in addi-
tion to the chemical effect of carbon, play a
distinct role in sintering. Both compounds
obviously enhance densification by retarding
grain growth. This conclusion is supported by
comparing the evolution of grain size and
density at high sintering temperatures (Figs 4
and 5); while densities drop in composites,
which provide only a small number of pre-
cipitates, i.e. in BTC 1-5 and 3-0, sintering in
high carbon materials (BTC 4.5 and BTC 6-0)
proceeds well even at higher temperatures.
This behavior is readily ascertained from the
micrographs in Fig. 3, which show that sec-
ond phase precipitates located at grain
boundaries limit the growth rate of B4C crys-
tals. A similar effect of sintering activity being
improved by retardation of grain growth was
recently observed in B4C materials doped with
amorphous carbon.!®

3.3 Mechanical properties
The Young’s modulus, E, of as-sintered material is
plotted in Fig. 6 versus the volume fraction of
TiB,. Also indicated are the lower and upper
bounds for E using Paul’s model?’ for series and
parallel loading with Erjs, and Epc taken as
440 GPa®® and 540 GPa? respectively as deter-
mined for fully dense single phase B4C and TiB,.
The present data are somewhat below this simple
prediction, most likely due to porosity and residual
graphite.’°

Figure 7 shows a plot of the Knoop hardness of
as-sintered material versus the TiB, volume frac-
tion. Also included is a guideline which computes
the hardness of B4C-TiB, composites according to
an ‘inverse rule of mixtures’ as suggested by

460 r — T

© - [ Sintering Temperature 2150 °C |

o

O]

W 450

0

I

ke

(e}

> ;

o 440

[}

c e BC-TiC

8 serial loading

> L --- paraliel loading
430 I i i L L 1 1 i 1

0 5 10 15
TiB, Content, vol.%

Fig. 6. Young’s modulus of as-sintered materials as a function

of TiB, content. Also indicated are the upper and lower

bounds according to Paul’s series and parallel loading
model.?’

Warren,3! with the hardness of fully dense B4C and
TiB, taken as 34 and 26 GPa, respectively.>?> The
experimentally measured hardness of BTC compo-
sites differs by 5-10% from this simple model. The
deviation may be rationalised by taking the soft
constituents of the microstructure into account, i.e.
residual porosity and particulate graphite. Both
phases do not contribute to hardness, and truncate
the effective volume fraction of hard compounds to
approximately x~91-95vol%, depending on the
sintering temperature and the initial amount of
TiC*. Recalling the empirical relationship that a
small volume fraction of porosity, p, decreases the
bulk hardness by a factor exp(-ep), where « is a
constant of the order 2,3 qualitative agreement
between experimental results and the prediction of
Warren’s rule of mixtures is recognized (Fig. 7).

The range of strength and toughness in BTC
composites is generally comparable to B4C materi-
als sintered on the resin route. Data for fracture
toughness, K., and flexural strength, oy, are dis-
closed in Table 3 as a function of the nominal car-
bon content for selected BTC materials. Applying
the elementary Griffith concept, one would expect
the strength of materials with unique fracture
toughness to scale as

of=—"7=— (6)

An inverse trend becomes, however, evident from
Fig. 8 where flexural strength is plotted versus
steady state toughness: while oy increases with
sintering temperature, K. drops, constituting just
the opposite correlation between strength and
toughness that one would expect from eqn (6). In

*The volume fraction of soft contituents (pores, graphite) may
be estimated from the data in Tables 2 and 4.
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Fig. 8. Fracture toughness—strength relation of B,C-TiC and
of B4C doped with amorphous carbon.

addition to the data for BTC materials, Fig. 8 also
displays the toughness/strength relation of B4C
sintered with amorphous carbon. This plot reveals
a general trend for the strength of boron carbide
materials to drop with increasing steady state
toughness. Similar toughness/strength character-
istics have been observed in various ceramic mate-
rials, e.g. in alumina,®’ in Mg-PSZ and in Y-TZP
materials,>* and were interpreted in terms of crack
length dependent toughness, the R- or T-curve.
Strength in brittle materials is controlled by the
instability of a dominant critical flaw, i.e. by the
conditions (1) G> R and (2) 3G/da > 9R/da,
where a is the flaw size, and G and R denote the
energy release rate and fracture resistance respec-
tively. Thus, non-unique toughness requires
strength to be determined by the tangent construc-
tion outlined in Fig. 9,2° rather than by applying
the simplistic mechanics of eqn (6). In this context,
it is important to recall a fundamental result of
toughening in brittle materials: the slope of R-
curves is generally inverse to the magnitude of the
steady state toughness,*’ i.e. materials with gradual
R-curves feature high steady state toughness
(material No. 1 in Fig. 9) while steep R-curves are
bound to low asymptotic fracture resistance

G,,0,>0,

Energy Release Rate G
Fracture Resistance R

R «—— Crack Extension Aa ———»
0

a

0 Crack Length a
Fig. 9. Tangent method for determining strength in R-curve
materials after Ref. 25.

(material No. 2 in Fig. 9). The instability condition
0G/da < 0R/da then forces materials with high
steady state toughness to fail at lower stresses than
materials with low steady state toughness such that
or1 < o7y (Fig. 9). Thus the apparent strength in
flexure drops, despite increasing steady state
toughness. It should be noted, however, that this
strength ranking is pertinent to small flaws, typical
for flexure specimens, and may switch at large flaw
sizes.

The fracture mechanics origin of the strength/
toughness correlation in Fig. 8 being understood, it
remains to rationalise the variation of steady state
toughness. A closer look at the correlation between
microstructure and mechanical properties is helpful
to answer this question. Figure 10 shows a plot of
the asymptotic fracture toughness of B4C materials
versus grain size. The fracture resistance data of
BTC materials closely follow a scatter band, that is
also characteristic for B4C doped with amorphous
carbon.3® K, starts at a toughness as low as
2MPay/m, reflecting the inherent fracture
resistance of B4C, and increases up to a shallow
maximum of x4 MPa,/m at a grain size of about
10-15pum, until K. gradually drops again. An
earlier study on the mechanical properties of boron
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Fig. 10. Strength/grain size relationship of B4C-TiC and B,C
doped with amorphous carbon.
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carbide?®* demonstrated, that fracture switches
continuously from inter- to transgranular cracking
upon increasing grain size. Specifically, fracture in
B4C materials was observed to become pre-
dominantely transgranular at grain  sizes
> 10 um.?® Though specific fractography has yet
not been performed, it is concluded that a similar
transition threshold between trans- and inter-
granular fracture applies to BTC materials as well.

The toughness/grain-size relations in Fig. 10 are
consistent with observations made in various cera-
mics, e.g. in alumina.?” They have been interpreted
in terms of interlocking grains which bridge the
faces of a crack and generate a non-unique, crack
length dependent fracture resistance.33:343% In this
context it must be recalled that the steady state
fracture resistance, R, in materials with bridging
zones is given by3?

p(u)d(u) (7)

where u is the crack opening, umax is the opening at
the end of the bridging zone and p(u) is the brid-
ging stress operating between the crack faces.
Chantikul et al. have shown that the maximum
pullout stress in grain bridging materials, p(u)™**
remains virtually constant, i.e. is insensitive to
changes in grain size.33

The evolution of fracture resistance with grain
size can then be argued as follows. At small grain
sizes, fracture is fully intergranular. Though elastic
and frictional bridges transmit tractions across the
crack faces, steady state toughness is limited,
because the grain size and hence the maximum
pullout distance wupay is still moderate. Increasing
grain size enforces larger pullout distances, and
according to eqn (7) augments the steady state
toughness.?*3° However, as the microstructure
becomes coarser, fracture increasingly would
switch from an intergranular to a transgranular
mode. Having less rough crack faces and hence
shorter crack bridges, uma,x and consequently the
steady state toughness will decline, giving rise to a
maximum in the toughness grain size relation as
shown in Fig. 10. Bearing the grain size sensitivity
of steady state toughness in mind, it will be recalled
that the slope of R-curves and the associated
strength are affected accordingly.3

Thus, it is concluded that the grain size controls
the slope of the R-curve via the fracture mode and
the associated bridging traction/crack opening
function p(u), and eventually enforces high flexural
strength despite low steady state toughness. This
trend is outlined in Fig. 11 which summarizes the
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Fig. 11. Strength/grain size relationship of B,C-TiC and B,C
doped with amorphous carbon.

dependence of flexural strength on grain size for
B4C materials doped both with TiC and amor-
phous carbon. As in many ceramic materials, the
strength data could be fitted to a grain size depen-
dence, where strength scales with the inverse square
root of grain size, D~'/2.33 One should, however,
bear in mind, that the origin of this behavior is non-
unique toughness which must be strictly distinguished
from the dislocation mechanism causing the ‘Hall-
Petch’ D~ dependence of strength in metals.

4 Concluding Remarks

Titanium carbide happens to be to a useful additive
for the pressureless consolidation of boron carbide.
The hypothesis that carbon promotes sintering by
deoxidising the powder surface according to reac-
tion eqn (2) is consistent with the observation that
graphite does not appear in the microstructure
below nominal carbon levels of 1-5wt%. Both car-
bon and TiB, which form during the reaction
between TiC and B4C obviously aid the sintering
process by retarding grain growth. This directs the
consolidation process towards sintering rather than
coarsening of the microstructure.

It is also noteworthy that reasonable densifica-
tion starts at temperatures comparable to resin
doped materials, i.e. above 2150°C, but con-
siderably later than when amorphous carbon is
used as a sintering aid. The enhanced processing
temperatures needed to sinter TiC materials
enlarge the tendency for discontinuous grain
growth and excess coarsening. This is suspected to
be a major reason why, in contrast to materials
sintered with amorphous carbon, microstructures
with a grain size <2 um cannot be preserved dur-
ing sintering.

While hardness and elastic properties of BTC
composites follow simple models, strength and
toughness are triggered by a more complex
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interaction between fracture resistance and grain
size. This interaction leads to a non-unique tough-
ness behavior characterized by a variability in
both, slope of R-curves and steady state toughness.
This relation finally causes strength to decrease
with increasing grain size.
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